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ABSTRACT: The elastic modulus, fracture strength, and onset fracture
strain of supported glassy polystyrene films with a thickness ranging from
250 to 9 nm were quantitatively determined by a recently developed
wrinkling−cracking method. Films with a thickness below about 40 nm
showed a decrease in both elastic modulus and fracture strength with
decreasing film thickness, whereas the onset fracture strain was shown to
increase. The observed variations in mechanical properties with respect to
the bulk counterparts support the notion that a mechanically soft thin
layer having a loosely entangled chain network exists in the near-surface
region of polymeric materials, whose contribution becomes more
pronounced in thinner films.

Confined polymer films are ubiquitous elements in
emerging technologies ranging from flexible electronics

to energy harvesting, seawater desalination, and biomedical
engineering.1−4 The mechanical properties and stability of
these elements subjected to mechanical, thermal, and/or
hygroscopic load are critical considering that these character-
istics signify limitations to their practical use. Stiffness (or
elasticity), strength, and ductility are three of the most
fundamental mechanical characteristics of a material, which
are represented by its Young's modulus, tensile strength, and
elongation at break.5−7 These three descriptors together can
provide the full spectrum of mechanical behavior and thus
predict the mechanical robustness of polymeric materials and
thin-film devices.
There is recent theoretical and experimental evidence that

confinement has a profound influence on the mechanical
properties of polymer films.8−12 It has been reported that
ultrathin (<100 nm) films of polystyrene (PS) exhibit a
markedly reduced elastic modulus compared to the correspond-
ing bulk material.8−10 The magnitude of this shift increases with
decreasing film thickness, a phenomenon that is similar to the
changes in the glass transition temperature (Tg)

13−15 and
relaxation dynamics.16 There is now a fairly general consensus
that the presence of a highly mobile layer near the free
surfaceoften loosely referred to as a “liquid-like” layercan
lead to such a significant change in thin-film properties.17 On
the basis of this recognition, a two-layer model has been applied
to explain the observed thickness-dependent elastic modulus of
ultrathin PS films.10 Compared to studies on elastic modulus,
there are relatively few studies investigating the strength and
ductility of these films. The available studies of ultrathin PS
films, while qualitative in nature, suggest that these films exhibit
a lower tensile strength11 and higher failure strain under
tension12 than those found for bulk PS.
Despite considerable efforts, however, our understanding of

the mechanical behavior of confined polymer films is still not

satisfactory, in part due to intrinsic measurement challenges at
the nanoscale. In addition, available methodologies are often
inadequate to measure simultaneously all three mechanical
properties in relevant conditions and can only permit some
limited qualitative information. Using a recently developed
wrinkling−cracking method,18 we report here the first
comprehensive measurements of the three fundamental
mechanical properties of polymer films in confined geometries.
This method takes advantage of two unique instability
phenomenasurface wrinkling19,20 and thin-film crack-
ing21−23which occur during mechanical stretching of a
flexible elastic foundation on which a thin stiff film is attached.
The characteristic length scales of the resulting patterns formed
on the supported thin film can be directly related to elastic
modulus, fracture strength, and onset fracture strain of the film
(the latter two analogous to tensile strength and elongation at
break for a bulk material). In this work, we employ this
approach to understand how confinement affects the
mechanical properties of polymeric materials, and as shown
below, our measurements provide a near-comprehensive
description of the mechanical behavior of confined polymer
films.
Certain commercial materials and equipment are identified in

the paper to adequately specify the experimental details. In no
case does such identification imply recommendation by the
National Institute of Standards and Technology, nor does it
imply that the material or equipment identified is necessarily
the best available for the purpose. In all figures, error bars
represent one standard deviation of the data, which is taken as
the experimental uncertainty of the measurement.
Thin PS films supported by a poly(dimethylsiloxane)

(PDMS) substrate were used as the model materials system
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in this study. PS (Mw = 654 kg/mol, Mw/Mn = 1.09, where Mw
is the mass-average and Mn is the number-average molecular
mass; Polymer Source) was used as received, and films were
prepared by spin-casting from dilute solutions in toluene onto
cleaned silicon wafers. The film thickness, ranging from 250 to
9 nm, was controlled by varying the solution concentration at a
fixed spin speed and measured by X-ray reflectivity (X'pert
Diffractometer, Phillips). Most films were used without thermal
annealing, unless stated otherwise. For comparison, some films
were annealed at 155 °C (50 °C above bulk Tg of PS) for 7 d
and then slowly cooled. PDMS (Sylgard 184, Dow Chemical
Co.) with a thickness ≈2.5 mm was prepared as described
previously.24 The Young's modulus of PDMS was determined
to be (1.8 ± 0.1) MPa by a texture analyzer (model TA.XT2i,
Texture Technologies), and its Poisson's ratio was approxi-
mated as 0.5. To prepare PS-coated PDMS samples (PS/
PDMS), the spin-coated PS films were transferred from silicon
wafers onto PDMS via a water immersion technique.20 Samples
were then dried under ambient conditions for ≈10 d prior to
the test.
A schematic of the wrinkling−cracking method is depicted in

Figure 1a. PS/PDMS was mounted onto a strain stage

equipped with a mechanical actuator,20 and then a uniaxial
tensile strain was applied in a stepwise manner with a strain
interval of ≈0.2% with the strain rate of ≈0.1%/s. At each
stepwise increment, surface images were taken either by an
optical microscope (for films >50 nm; Labophot-2, Nikon) or
an optical profilometer (for films <50 nm; NewView 7300,
Zygo) after waiting ≈2 min to avoid possible time- (or rate-)
dependent effects.25 The images that displayed a change in
crack density were used for data analysis. All tests were

conducted at room temperature, well below Tg of the bulk PS,
and within the small-strain regime (<3%) where PS and PDMS
are known to exhibit linear elastic behavior.8,20,26 Figure 1b
shows the evolution of surface patterns on PS/PDMS as a
function of the applied strain (ε). Upon stretching, the film
undergoes fracture with regularly spaced parallel cracks aligned
perpendicular to the stretching direction. New cracks form in
the middle of the pre-existing fracture segment, and the crack
density, defined as the reciprocal of the average crack spacing
(⟨d⟩), increases with strain (Figure 1b). Together with thin-film
cracking, sinusoidal wrinkling patterns with a well-defined
wavelength (λ) begin to emerge at slightly higher strains, which
are caused by a lateral Poisson contraction orthogonal to the
stretching direction. The coexistence of thin-film cracks and
surface wrinkles is typically observed at strains >1.5% (Figure
1c). Note that the sequence of instability events is determined
by the difference in the onset strain between cracking and
wrinkling and depends on constituent material property
combination, such as film toughness, elastic mismatch, and so
forth.24,27−29 The exact dependence is complex, but in general,
cracking occurs first for brittle polymers (e.g., PS), whereas
wrinkling occurs first for ductile or relatively tough ones (e.g.,
polyamide).18

The mechanism of thin-film cracking has been well-
established in the literature.21−23 It has been shown that the
cracking mechanism is governed by the bisection of each
fragment at its midpoint when the crack spacing becomes
shorter than the critical length (dc = 4hfEf/Es). Here, hf is the
film thickness, E is the elastic modulus, and the subscript f and s
denote the film and substrate, respectively. In this bisection
regime of thin-film cracking, the average crack density can be
described by 1/⟨d⟩ = Es(ε − ε*)/2hfσ*, where σ* and ε* are
the fracture strength and onset fracture strain of the film,
respectively.18,22 This model assumes small-strain linear
elasticity and considers that the stress field across the fragment
is given by σf = σf,max[1 − (2x/d)2]1/2, where the maximum
occurs at x = 0 (midpoint) and the minimum at x = ± d/2
(both edges) and that new cracks initiate at a critical stress level
(i.e., σf,max = σ*). This model also assumes the perfect adhesion
at the film−substrate interface. No noticeable delamination or
blistering at the PS-PDMS interface was observed in the small-
strain regime used in this study, thus validating the applicability
of the model to our system. Bisection cracking continues until
other dissipative processes (e.g., interfacial delamination/
slippage, viscoelasticity) take place within the material system,
leading to a progressive diminution of the stress level
transferred from the substrate to the film.21,23

In this work, we consider only the bisection regime of the
thin-film cracking described above, where crack density is
linearly proportional to applied strain. Figure 2a shows the
average crack density plotted against strain, indicating the linear
dependence of the crack density on strain. The best linear fit to
the crack density versus strain plot allows the determination of
the fracture strength and onset fracture strain from the slope
and the intercept to zero crack density, respectively, using the
relation: 1/⟨d⟩ = (Es/2hfσ*)(ε − ε*). There are some
studies28,29 indicating that onset fracture strain depends on
the elastic mismatch between the film and the substrate. It
should be noted, however, that onset fracture strain is
insensitive to the material system as long as the quantity Es/
Ef is sufficiently small (<0.001), which is satisfied in our case
(i.e., Es ≈ O(1) MPa; Ef ≈ O(1) GPa). This was also confirmed
by earlier experimental work.30

Figure 1. (a) Schematic representation of wrinkling and cracking of a
thin PS film supported on a PDMS substrate under nominally uniaxial
tension. ε, λ, and d denote applied tensile strain, wrinkle wavelength,
and crack spacing, respectively. (b) Optical microscopy images of
surface patterns formed on the 130 nm thick PS film as a function of ε.
The arrows indicate newly initiated cracks between images. (c)
Magnified images of the selected area illustrating the coexistence of
cracks and wrinkles.
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Based on wrinkling mechanics,19 the Young's modulus of a
film can be determined from the wrinkle wavelength by Êf =
3Ês(λ/2πhf)

3, where Ê = E(1 − ν2) is the plane-strain modulus
and ν is Poisson's ratio. While many of previous works have
utilized compression-induced wrinkling to measure film
modulus,19 the wrinkling patterns in our approach develop in
the presence of cracks under nominally uniaxial tension. To
assess how pre-existing cracks and different loading modes
might affect wrinkling patterns, we compared the wrinkle
wavelengths measured under two different loading modes:
tension (with cracks) and compression (without cracks). As
shown in Figure 2b, it is clear that the two sets of data do not
show any appreciable difference. In addition, the wavelengths
remain nearly constant within the range of strains tested. These
results indicate that the presence of cracks, type of loading
mode, and level of applied strain have negligible effects on the
wrinkle wavelength, thus providing confidence in the current
approach as well as the final results.
Using this approach, the present study aimed to elucidate

how confinement (tuned by varying film thickness) affects the
mechanical properties of thin polymer films. We first evaluated
the mechanical properties of the two representative PS films
having very different thicknesses: 140 nm vs 8.6 nm. We chose
these film thicknesses to assess whether fracture strength and
onset fracture strain vary in a manner similar to the variation in
elastic modulus observed in previous studies8,10 (i.e., a decrease
in modulus with a decrease in film thickness below ≈40 nm).

Consistent with previous data,10 the measured moduli (Êf) for
the thicker and thinner films were significantly different [(5.40
± 0.22) GPa and (1.79 ± 0.22) GPa, respectively]. Figure 3

displays the plots of rescaled crack density (2hf/⟨d⟩Es) versus
strain for these films. On one hand, the rate of crack growth
(i.e., slope of the data) for the thinner film was much faster
than that for the thicker film, implying less resistance to
fracture. The fracture strength of the 8.6 nm thick film was (9.9
± 0.8) MPa, while that of the 140 nm thick film was (21.3 ±
2.9) MPa. On the other hand, the onset fracture strain for the
thinner film was found to be (0.79 ± 0.27) %, which was more
than twice that for the thicker film, (0.35 ± 0.23) %. Films
prepared under different processing and annealing conditions
may exhibit different mechanical properties due to residual
stress effects.31 We examined two identical PS films with and
without thermal annealing at 155 °C (>Tg) for 7 days but
found no marked disparities in the mechanical properties for
both films.
To further determine the transition thickness at which the

film properties begin to deviate from their bulk values, data
were obtained for the modulus, fracture strength, and onset
fracture strain of PS films with thicknesses ranging from 250 to
9 nm (see Figure 4). Interestingly, all of the mechanical
properties examined here were observed to have a similar
transition thickness (≈40 nm). For films >40 nm, a plateau is
present. We found that the obtained plateau values of plane-
strain modulus (≈5.0 GPa), fracture strength (≈21 MPa), and
onset fracture strain (≈0.4%) bear close resemblance to their
bulk counterparts reported in the literature (plane-strain
modulus, ≈4.5 GPa; tensile strength, ≈30 MPa; elongation at
break, ≈1%).18 For films less than 40 nm, their elastic modulus
and fracture strength decrease progressively with a decrease in
thickness, while their onset fracture strain, although there is a
degree of scatter in the data, is greater for the thinner films.
Substrate clamping effects may cause some variation in the
estimate of onset fracture strain. Nevertheless, the calculations
using the elastic-perfectly brittle constitutive model,6 which
provides a good approximation for the strain for brittle
polymers (i.e., σ*/Êf ≈ ε*), showed satisfactory agreement
with measurement as demonstrated in Figure 4c.

Figure 2. Cracking and wrinkling behavior of a 130 nm thick PS film.
(a) Plot of inverse crack density (1/⟨d⟩) vs strain (ε). Fracture
strength (σ*) and onset fracture strain (ε*) can be deduced from the
slope and x-intercept of the linear regression line as described in the
text. (b) Wrinkle wavelength (λ) as a function of ε under tension
(circles) and compression (triangles).

Figure 3. Rescaled crack density (2hf/⟨d⟩Es) as a function of strain (ε)
for 8.6 nm thick (open symbols) and 140 nm thick (closed symbols)
PS films, demonstrating lower fracture strength but higher onset
fracture strain for the thinner film. Each symbol represents the data set
obtained from different samples.
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The mechanical properties of polymer materials are closely
related to their molecular structures such as segmental mobility
and density. Previous studies have shown that the presence of a
high mobility layer in the vicinity of the polymer surface was
accountable for the apparent suppression in the modulus and
Tg of ultrathin polymer films.8,10,13 Similar to a previous work,10

we found that the generic two-layer model, although there is
evidence of a more complex heterogeneous structure in
nanoconfined polymers,32,33 could effectively produce a good
fit to the measured modulus data, yielding a thickness of 2.6 nm
and modulus of 0.1 GPa for the surface layer (solid line in
Figure 4a). In addition, it has been suggested on the basis of the
chain packing theory that the fraction of intermolecular
entanglements is significantly reduced near the free surface
due to a reduction in the volume pervaded by a polymer chain
at the interface.34 This has been further supported by
experimental evidence pointing to enhanced deformation of
strained, freestanding PS thin films.12 The results shown in
Figure 4 support this notion and allow us to gain insights into
the structural nature of the surface layer. A decrease in
intermolecular entanglement density near the free surface
would enhance the segmental mobility but reduce the strength
of intermolecular forces; thereby one would expect that the
elastic modulus and fracture strength of ultrathin polymer films

would decrease with a decrease in film thickness. Such a poorly
entangled and thus highly mobile chain network can also
effectively relieve built-up stress during deformation before
reaching the critical value of fracture as evidenced by previous
simulation work,8 which corroborates our results on the onset
fracture strain. The increase in the onset fracture strain for
thinner films could be further supported by the idea of the loss
of plastic constraint at the free polymer surface.35,36 Our results
of increased ductility upon confinement appear contrary to
simulation results that indicate that packing frustration is
relieved upon confinement,37 which would lead to stiffening
and potentially embrittlement of the films. Conversely, the
interpretation of the results of our study is in line with a recent
study reporting similar mechanical behavior of confined PS thin
films under indentation.38

In conclusion, we reported a detailed study on the change in
mechanical properties of supported thin polymer films with
thickness variation, which provided insights into the structural
nature of polymeric materials at the polymer−air interface.
Experimental results indicated that the PS films become less
stiff, less strong, but more ductile with decreasing film thickness
below approximately 40 nm. The observed thickness-depend-
ent mechanical behavior supports the notion that there exists a
few nanometer thick, mechanically soft layer near the free
surface which is composed of a loosely entangled chain
network. Our findings will have important implications for
applications that feature polymer films in confined geometries,
such as flexible electronics, fuel cells, photovoltaics, and water/
gas separation membranes, as well as artificial skin.
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the data using the two-layer model (see ref 10 for details). (b) Fracture
strength (σ*). (c) Onset fracture strain (ε*) (circles: experimental
data; triangles: estimated values calculated by σ*/Êf using the
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